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Abstract
Classical molecular dynamics (MD) and x-ray diffraction (XRD) have been used to establish the
origin of the paracrystalline structure of silver nanoparticles at the atomic scale. Models based
on the face-centred cubic structure have been computer generated and their atomic
arrangements have been optimized by the MD with the embedded-atom model (EAM) potential
and its modified version (MEAM). The simulation results are compared with the experimental
XRD data in reciprocal and real spaces, i.e. the structure factor and the pair distribution
function. The applied approach returns the structural models, defined by the Cartesian
coordinates of the constituent atoms. It has been found that most of the structural features of Ag
nanoparticles are better reproduced by the MEAM. The presence of vacancy defects in the
structure of the Ag nanoparticles has been considered and the average concentration of
vacancies is estimated to be 3 at.%. The average nearest-neighbour Ag–Ag distances and the
coordination numbers are determined and compared with the values predicted for the bulk Ag,
demonstrating a different degree of structural disorder on the surface and in the core, compared
to the bulk crystalline counterpart. It has been shown that the paracrystalline structure of the Ag
nanoparticles has origin in the surface disorder and the disorder generated by the presence of the
vacancy defects. Both sources lead to network distortion that propagates proportionally to the
square root of the interatomic distances.

Supplementary material for this article is available online
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1. Introduction

Silver nanoparticles (Ag NPs) have attracted the attention of
many laboratories and industries due to their unique antibac-
terial [1], catalytic [2], optical [3] and plasmonic [4] prop-
erties. The superior features of NPs, compared with their
macroscale counterparts, can be attributed to, among others,
the increased external surface and the presence of structural
defects [5, 6]. However, many structure-property correlations
for the metallic NPs have not yet been determined, and the
unique phenomena observed for them at the nanoscale, such
as enhanced catalytic activity in multimetallic systems [7–9],
surface-enhanced Raman scattering behaviour [10] or weld-
ing in dispersion [11], are still waiting for a detailed explana-
tion. Critical to further design and optimization of the metal-
lic NPs are appropriate modelling methodologies capable of
predicting the structure of NPs at the atomic level, accurately
reflecting the morphology and arrangement of atoms for real
material.

In recent years, there has been great progress in the develop-
ment of computer simulation algorithms for structural optim-
ization of the metallic NPs due to the increase in comput-
ing power. One of the most fundamental tools to carry out
structural optimization on nanoclusters is the first principles
calculation according to quantum mechanical theory such as
density functional theory (DFT) [12, 13], but this method is
limited to a very small systems, usually composed of less than
∼500 atoms. Therefore, it is currently being superseded by
other approaches allowing investigation of bigger systems. It is
worth mentioning about very recent cluster-mining approach
[14] that is based on the generation of a large number of
candidate structure models using many constraints and data-
sets, and then refinement against experimental pair distribu-
tion functions [15, 16]. Another class of methods in applica-
tion to the geometry optimization of NPs is genetic algorithms,
which use principles of natural evolution to make a search in
the configuration space and look for the most stable config-
uration of atoms with minimum total energy [17, 18]. Monte
Carlo technique and simulated annealing are examples of other
‘search’ procedures. Monte Carlo method uses the random
walk concept [19], whereas the simulated annealing tries to
find the global minimum [20]. Besides, classical molecular
dynamics (MD) simulations can be applied to study large
NPs with a size much greater than ∼1000 atoms. MD and
other approaches numerically solving Newton’s equations of
motion require the use of semi-empirical atomistic potentials,
which enable calculations of the total energy and interatomic
forces. Early atomistic simulations employed pair potentials,
usually of the Lennard-Jones or Morse type [21, 22], but
they give only qualitative agreement with the experimental
data. A few decades later, Daw and Baskes [23] and Finnis
and Sinclair [24] proposed a more advanced potential form
called the embedded atom method (EAM). In contrast to
the previously mentioned pair potentials, EAM incorporates
many-body interactions between atoms, which are respons-
ible for a significant part of bonding in metals. Later on,

a modified version of EAM, i.e. modified embedded atom
method (MEAM) has been developed [25]. The EAM and
MEAM potentials are broadly used in the majority of simu-
lations of metals and metallic alloys and they exhibit a high
degree of compliance with experimentally observed phenom-
ena e.g. elastic [26] and thermal properties [27] or energy of
defects [28, 29]. In 2000 and 2003 this MEAM formalism has
been extended, including consideration of the second nearest-
neighbour interactions as reported in [30, 31].

Despite a number of studies, the experimental investig-
ations do not give a clear consensus for the atomic-scale
structure of the Ag NPs in a large range of sizes. Different
symmetries: face-centred cubic (fcc), icosahedral, decahedral,
and octahedral were observed, depending essentially on the
route of fabrication applied and the size of the NPs [32–34].
On the other hand, recent theoretical findings suggested the
preference for decahedral and octahedral symmetry in the Ag
NPs [20]. In addition to these reports, the preparation of the
spherical Ag NPs has been developed [35–37].

However, throughout many experimental premises
[38–41], structural defects are rarely considered by theoretical
models. Hence, the models must be refined and a combina-
tion of theory and experiment is required to better understand
the complex structure of the metallic NPs. The numerical
programs, such as DISCUS [42] or DEBUSSY [43], have
been developed to generate structural models and to com-
pute powder diffraction patterns for nanocrystalline, defect-
ive and/or non-periodic systems including a large variety of
disorder problems. As an alternative to traditional line pro-
file analysis techniques for nanomaterials (for example the
Rietveld or Warren-Averbach methods), the reciprocal-space
Whole Powder Pattern Modelling method has been proposed
to study nanocrystalline atomic clusters with various lognor-
mal size distributions [44–46].

In this paper, an alternative method that uses MD with
the EAM- and latest MEAM-type potentials to optimize the
energy of generated structural models containing structural
defects and then to calculate structure factors and pair dis-
tribution functions is proposed. The energy minimization of
the models is a great advantage of this approach over mod-
els generated in programs such as DISCUS or DEBUSSY,
which may provide non-equilibrium atomic configurations.
Another advancement of the herein used method is the fact
that the results obtained from MD simulations are compared
with the experimental data, in both reciprocal and real spaces,
not just in one space, as is usually done in commercial pack-
ages. The only good compliance between the experimental
and model-based data in both spaces is treated as a measure
of the model reliability, allowing resolving of the local and
long-range structure with equally important weight. It is worth
mentioning that such an approach goes beyond the standard
crystallography methods, which fail in the case of nanoma-
terials due to the finite size effects and possible structural
defects leading to deviations of atoms from positions in bulk
crystalline counterparts. Information about short-range atomic
order and defects is not contained in the Bragg peaks, but in
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a diffuse background. Total scattering methods such as the
Debye equation [47] and the atomic pair distribution function
analysis recover the Bragg peaks and diffuse scattering, and
extract important structural information about local atomic
packing and disorder. Most of commercial packages for the
simulations of powder diffraction patterns, e.g. MERCURY
[48], assume the periodicity of the atomic arrangement and
use only the Bragg peaks to generate the model of structure.
In the presented approach no assumption on the atomic peri-
odicity is taken and the diffraction patterns are calculated with
the use of the Debye scattering equation.

The obtained structural information is important to under-
stand the underlying mechanisms controlling e.g. the catalytic
properties of nanosized metals. The knowledge of the cata-
lytic reaction mechanisms will be improved if we can relate
the catalytic activity to the structural aspects of the materials
because most of the catalytic reactions are structure sensitive,
and hence, methods to get more insights into structural aspects
are highly needed [49]. The problem of the mechanism of the
catalytic activity occurring at the surface of a solid catalyst
has been studied since decades [50]. It has been shown that
increased catalytic activity of various NPs is associated with
undercoordination of atoms and the presence of defect sites on
the surface. The high catalytic activity at these sites is a con-
sequence of the formation of maxima in the surface electro-
static potential [51]. Such a tendency has been also observed
for other nanosized particles [52–54]. Recently, it was shown
that both structurally-ordered and structurally-disordered NPs
can reach high catalytic activity, but by different mechan-
isms [55]. The structurally-ordered catalysts feature homogen-
ously strained lattice parameters. In contrast, the structurally-
disordered catalysts own their high activity to the high degree
of surface defects. The debate whether surface or bulk atomic
arrangement has a bigger impact on the catalytic activity is
fuelled by the lack of techniques that are available to meas-
ure and quantify structural order/disorder in the near-surface
layers, thereby preventing the identification of unambiguous
relationships between the structure and activity. Therefore, in
this article, we demonstrate the method to quantify the atomic
arrangement and network distortion of the studied NPs in both
the surface and core parts.

2. Experimental details

The Ag NPs were synthesized inside pores of amorphous SiO2

using the Stöber sol–gel method [56] with Ag(CH3COO) as
the precursor. The size of the NPs in this synthesis method is
controlled by the size of pores in the SiO2 carrier. The final
composition and structure are controlled by the reduction pro-
cess in 773 K for 1 h under hydrogen flow. The entire chemical
treatment and reduction procedures as well as the transmission
electron microscopy (TEM) investigations were described in
details in [57].

The wide-angle x-ray diffraction (XRD) measurements
of the Ag NPs were carried out using a laboratory Rigaku
Denki D/MAX Rapid II-R diffractometer equipped with a

rotating Ag anode, a two-dimensional imaging plate detector
and a graphite monochromator. This set-up enables collecting
the scattering data in the wide-range of the scattering vec-
tor length, Q= 4π sin(θ)/λ, up to Qmax = 20 Å−1, yield-
ing the atomic pair distribution function of a good resolution;
λ= 0.5608 Å is the wavelength of the incident beam and 2θ is
the scattering angle. A detailed description of the XRD exper-
iment and the data reduction and normalization can be found
in [57]. In order to correct for the instrumental broadening in
the experimental data the (111) peak profile of the NIST SRM
640e Si standard was measured under instrumental conditions
identical to those of the sample. During the measurements the
temperature in laboratory was kept constant, 293 K.

3. Molecular dynamics simulations and
calculations of x-ray scattering data

The quantification of the atomic structure using approaches
like the Rietveld refinement and the Scherrer equation is
impracticable in the case of the NPs and includes a large
error since the NPs are ‘crystallographically challengedmater-
ials’ with deviations from perfect crystallinity [58]. Therefore,
the analysis of the total scattering (Bragg and diffuse scatter-
ing) and the atomic pair distribution function approach were
employed [59, 60] to obtain reliable information about the
structure of the investigated Ag NPs. The model-based struc-
ture factor and the atomic pair distribution function were com-
puted using the MD simulations. The model of the Ag NPs,
defined by ensembles of the Cartesian coordinates of atoms,
has been optimized performing the MD simulations with
interatomic simulations described by the EAM and MEAM
in the LAMMPS software [61].

Although NPs can have various morphologies due to dif-
ferent preparation methods, in the present work we discuss
the spherical NPs, since the TEM investigations revealed that
most of the single Ag clusters have an approximately spher-
ical shape and exhibit a trimodal size distribution that has
been published earlier [57]. Accordingly, the name NP is used
here for an individual cluster of atoms that is regarded as a
single nanocrystal. Therefore, the starting atomic models for
the MD simulations were generated assuming spherical nano-
clusters of diameters, d, corresponding to the maxima of three
Gaussian functions that approximate the distribution (55, 115
and 470 Å). All atoms in the created clusters of the three dif-
ferent sizes were arranged in the fcc structure with the lattice
parameter a = 4.086 Å, reported for bulk Ag at room tem-
perature [62]. The numbers of atoms contained in the models
of the NPs, N, and their weights, w, are collected in table 1.
It should be noted that the weights taken for the calculations
were parameters adjusted based on the previously optimized
paracrystalline model of the structure [57].

The MD simulations were carried out for the canonical
ensemble at 300 K, and the equations of motion were integ-
rated using the velocity Verlet algorithm, with a time step of
2 fs. Simulations for each cluster were carried out for a total
number of 5 × 105 time steps. The temperature of the system
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Table 1. Parameters for the Ag NPs used in MD simulations: the
diameters of spherical particles, d, the numbers of atoms in NPs, N,
and their percentage weights, w.

d (Å) 55 115 470
N 5089 46 553 3179 491
w (%) 33 65 2

was stabilized using the Nosé-Hoover thermostat with the tem-
perature damping parameter of 100-time steps. No drift of the
total energy with time was observed, what was checked by
simulations in microcanonical ensemble. It must be stressed
that the applied thermostat account well for the influence of
the thermal motions of atoms, i.e. the MD simulations gen-
erate the thermal disorder as it was demonstrated in [63] for
the Au NP. Therefore, the results of simulations can be dir-
ectly compared with the experimental intensity data measured
at room temperature. The coherent powder intensity per one
atom for NPs is expressed by the so-called Debye equation:

Icoh (Q) =
1
N
f 2 (Q)

N∑
i=1

N∑
j=1

sin(Qrij)
Qrij

(1)

where rij means the distance between ith and jth atoms. The
application of the Debye equation to this type of calculations
is detailed by Gelisio and Scardi [47].

The diffraction data for non-crystalline materials are usu-
ally represented by the structure factor, defined as follows:

S(Q) =
Icoh (Q)
f 2 (Q)

(2)

where Icoh (Q) is derived from the measured x-ray intensity
corrected and normalized to electron units and f(Q) is the
atomic scattering factor of Ag [64]. Final positions of atoms
in clusters, obtained from the MD simulations, were used to
calculate the normalized scattering intensity function per one
atom, and then the structure factor can be obtained according
to [65] as:

S(Q) = 1+
1
N

 N∑
i=1

N∑
j=1

sin(Qrij)
Qrij


i̸=j

. (3)

The unwanted small-angle component of the intensity calcu-
lated from the Debye equation can be eliminated using pro-
cedures described in [65–67].

In order to validate those calculations, the S(Q) for cluster
of 5089 atoms was also averaged over ten configurations at
different time steps after energy stabilization and results are
almost the same as those obtained for the final configuration
after 5× 105 time steps (see figure S8 in supplementary mater-
ial). It means that averaging over the ensemble was equival-
ent to the time averaging and such obtained atomic configura-
tions can be used to generate the structural models of the Ag
clusters. The S(Q) derived from the total intensity measured
in the experiment, according to equation (2), can be directly
compared with the theoretical S(Q) calculated according to

equation (3). The experimental structure factor contains con-
tributions from scattering by the Ag NPs of different sizes,
as revealed by the TEM images. In order to take into account
the wide size distribution of the studied NPs, the total theoret-
ical structure factor was computed as a weighted average over
the individual structure factors for three clusters of different d,
with theweightsw collected in table 1. In such calculations it is
assumed that the individual clusters scatter independently. The
w values were estimated in our previous paper [57] using the
paracrystalline model reconstructing all features of the exper-
imental total scattering data.

In the next step, the S(Q), both experimental and theor-
etical, were converted to the real space representation in the
form of the pair distribution function, G(r), by the sine Four-
ier transform as follows:

G(r) = 4πr [ρ(r)− ρ0] =
2
π

Qmaxˆ

0

Q [S(Q)− 1]sin(Qr)dQ

(4)

where Qmax is the upper value of Q achieved in the meas-
urements. The function 4πr2ρ(r)dr determines the number of
atoms within the spherical shell of the radius r and the thick-
ness dr, and ρ0 is the number density. Thus, the G(r) func-
tion provides information about the distribution of interatomic
distances in the average atomic cluster of the investigated
material. The first peak of G(r) corresponds to the nearest-
neighbour distance, and the subsequent peaks are related to
second-, third- and next-neighbour coordination spheres. The
G(r) is more sensitive to the local deviations from the struc-
tural periodicity than S(Q), while S(Q) is better suited for
the analysis of longer-range interatomic correlations. There-
fore, in order to find models of the Ag NPs reproducing both
their nearest-neighbour and longer-range structure, the results
of themodel-based simulations were comparedwith the exper-
imental data both in reciprocal and real spaces.

According to [68, 69] the effect of the instrumental broad-
ening can be described by convolution of the pure diffraction
intensity I(Q) with the apparatus function Ii (Q) giving the
measured intensity function Im (Q):

Im (Q) = I(Q) ∗ Ii (Q) =
∞̂

−∞

I(Q ′) Ii (Q−Q ′)dQ ′. (5)

This instrumental effect can be accounted for by convolut-
ing the model-based intensity with the instrumental function,
and that method is applied here. In an alternative approach
the measured intensity Im (Q) and instrumental one Ii (Q) can
be used to obtain the pure diffraction intensity I(Q) solving
equation (5) and the results obtained are shown in Supporting
Information (see figures S3–S7 in supplementary material).

4. Results and discussion

In the first step, the results of MD simulations using the EAM
for the defect-free fcc model were analysed. In such a case,
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Figure 1. The experimental structure factor (a) and the pair distribution function (b) for the Ag NPs and their counterparts obtained from the
MD simulation using the EAM potential for the defect-free models. The differences between the theoretical and experimental functions,
plotted in green, are shifted for clarity. The insets show zooms on selected data ranges.

Figure 2. The same as in figure 1, but the theoretical results are obtained for the MEAM potential.

the nanosize effect is principally the main factor determining
the observed diffraction peak broadening. Also, the position
of the peaks, determined by the interatomic distances may dif-
fer from those observed for bulk Ag counterparts. The under-
coordination of the surface atoms leads to the lattice deform-
ation and possible modification of the interplanar distances.
Moreover, the atomic disorder causes the damping of peaks.
Figure 1 presents the comparison of the structure factor and the
pair distribution function obtained from the MD simulations
with the experimental functions. As can be seen, the experi-
mental S(Q) shows well-defined diffraction peaks, which are
broadened relative to those of crystalline material having long-
range ordering. Experimental G(r) is rich in structural fea-
tures, but they are attenuated almost to zero at interatomic dis-
tances of around 100 Å. One can see that the amplitudes of
the simulated S(Q) andG(r), and their damping with increas-
ing values of Q and r, respectively, quite nicely reconstruct
the experimental results, which indicates good approximation
of the NP’s size distribution. The goodness the model-based
simulations can be visualized by viewing the experimental
and calculated functions together with discrepancies between
them, as suggested in [70].

Themajor discrepancies of the theoretical and experimental
functions are observed in the peak positions, both of S(Q)
and G(r) (see the insets in figure 1). The reason for that
may be twofold: the applied EAM potential does not describe
the interatomic separations precisely or the starting model is
incorrect. In order to dispel these doubts and evaluate the per-
formance of EAM simulations, the geometry of the same Ag
nanoclusters was optimized using the MEAM potential.

The structure factor and pair distribution function obtained
from MD simulations for MEAM potential are presented in
figure 2. It is visible that this potential leads to better results
than the EAM. Particularly, the MEAM better reconstructs the
interatomic distances than the EAM. The peaks of theoret-
ical diffraction data, calculated based on the model using the
MEAM potential, shift towards the positions of experimental
peaks. In other words, the Ag NPs model optimized using the
MEAM better suits the experimental data. Interestingly, in our
recent paper on MD simulations of the Au NPs the experi-
mental spatial correlations between atoms were clearly better
described by the EAM potential when compared with that of
MEAM [63]. The literature report for NiTi alloys showed the
higher accuracy of the lattice constant by employing MEAM
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potential [71]. In turn, the EAM better described the recrys-
tallization of NiTi at high temperatures. Also for liquid Ni,
the critical comparison of these two potentials revealed that
the MEAM can give a representative picture of its structure
factors and other properties [72]. Thus, the above-mentioned
facts testify that the performance and accuracy of the poten-
tials used in the MD simulations of metals strongly depend on
a system and studied properties. Nevertheless, it is worth not-
ing that the embedded atom methods provide better reliability
of lattice parameters and surface characteristics than tight-
binding methods [73] and in the case of the small Au NPs
generates optimized structures very similar to those obtained
from ab initio DFT calculations [74]. It is worth noting that
literature data have reported that the agreement of the simu-
lation results based on EAM or MEAM with respect to the
experimental data or DFT calculations varies, depending on
the system and property that is studied. One can give as an
example simulations for Pt NPs where the MEAM resulted in
slightly closer values of lattice and stiffness constants to exper-
imental data than the EAM. In turn, an analysis of the stabil-
ity of Pt clusters revealed that MEAM potentials failed while
EAM manage to reproduce the structural integrity of NPs that
can be synthesized and remain stable at room conditions in
experimental conditions [75]. Another example is the invest-
igation of the generalized stacking fault energy for models of
Al, Ni and Cu metals. It was found that the EAM potentials for
Al and Cu, whereas MEAM for Ni, predict better the effect of
vacancy defects on the stacking fault energy in regards to DFT
calculations [28]. Furthermore, the paper of Chen et al clearly
compares the performance of EAM and MEAM potentials in
predicting the plasticity and fracture behaviors of hcp metals.
Depending on the element, Mg, Co, Ti, and the property under
probe, the errors between the DFT and EAM or MEAM res-
ults vary significantly [76]. Also, for bimetallic case of Co–Pt
nanoclasters it was reported that EAM and MEAM potentials
give different results, depending on the tested property [77].
MEAM potential gave a better prediction of the order-disorder
transition temperature, whereas lattice parameters were better
predicted by the EAM. Results of these investigations indicate
the sensitivity of the studied properties on the potential model.

Despite the fact that the model of the average atomic struc-
ture of the Ag NPs optimized with the MEAM showed good
agreement with the experimental data, some discrepancies in
the peak positions and amplitudes, compared with the meas-
ured ones, can still be observed. The peaks of the simulated
S(Q) are shifted towards lower Q and, consequently, the max-
ima of the model G(r) move towards longer interatomic dis-
tances that can be especially seen for the high-r range (see inset
in figure 2(b)). Therefore, when one assumes the MEAM cor-
rectly describes the interatomic interactions and distances in
small Ag clusters, there must be an additional source of the
observed differences in the S(Q) and G(r) peak positions. As
the dynamic disorder is generated by the thermal motions of
atoms, one can suspect that the static disorder is the source
of the observed discrepancies between the experiment and
model. Recently, it has been shown that defective structures,
i.e. showing local symmetry loss, missing atoms, dislocations,

or extended lattice imperfections, may be preferred over per-
fectly regular ones in the Ag NPs [78]. The non-symmetrically
grown or defective clusters were found to be more stable than
highly symmetric ones in terms of their surface energy.

Noble metal NPs are prone to stacking faults and this type
of defects is the most often considered in the literature for the
explanation of the lattice distortion [6]. Contrary, many pre-
vious papers suggested the presence of defects in the form
of vacancies in the metallic NPs [29, 79–82]. The presence
of vacancy defects in metallic NPs is rather a controversial
hypothesis, and the number of possible vacancies is difficult
to estimate experimentally. Therefore, in this article the hypo-
thesis on the presence of vacancies in Ag NPs has been veri-
fied and in the next step, the model of Ag clusters containing
vacancies was considered. Several studies have tried to estim-
ate the concentration of vacancies in NPs by extrapolating
empirical relationships established for the formation energy
of bulk vacancies down to the nanometer scale [29, 82, 83].
However, no consensus has been reached. Therefore, the num-
ber of vacancies in the Ag models generated here was adjusted
based on the best agreement of model-based S(Q) and G(r)
with the experimental data. The location of defects in metal-
lic NPs cannot be unambiguously established. Consequently,
the vacancies were created by the removal of randomly chosen
atoms in each cluster. That means both surface shells and the
core of the NPs may contain vacancies. The produced Ag
clusters with different vacancy concentrations in the range of
1−5 at.%, were then relaxed performing the MD simulations.
We assumed an accuracy for the determination of the vacancy
concentration as 1 at.%. The best correspondence with the
measured S(Q) and G(r) has been obtained for the MEAM
with 3 at.% of vacancies. For the concentration of 1 and 5 at.%,
the agreement of calculated structure factors and pair distribu-
tion functions with the experimental data was clearly worse.
It is worth adding that he presence of the Schottky defects in
noble metal nanoclusters was also investigated using the kin-
etic Monte Carlo approach and the vacancy concentration in
the range of 3−5 at.% was estimated [84], which is in line
with the values obtained herein.

The influence of the vacancies on the diffraction data can
be seen by comparing the results presented in figures 3 and
4 with those in figures 1 and 2, respectively. The first effect
that one can observe is the stronger damping of model-based
data. The second consequence of the presence of vacancies is
the shift of diffraction peaks towards the experimental ones
that is especially visible for the MEAM model. Both effects
reduce the difference between the simulated and experimental
data. The better compatibility of the model is particularly seen
for medium and long interatomic distances (see the inset in
figure 4(b)). The positions of G(r) peaks agree very well
in this range, whereas peaks for the model without defects
are shifted towards longer distances. Also, in the case of the
EAMpotential, themodel with vacancies slightly improves the
agreement with the experimental data (see figure 3), however,
the improvement is unsatisfactory.

From the performed modelling, one can suggest that there
are two sources of the static disorder in the Ag NPs: (a) the
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Figure 3. The same as in figure 1, but for NPs with 3 at.% of vacancies.

Figure 4. The same as in figure 2, but for NPs with 3 at.% of vacancies.

network distortion induced by the finite size of the NPs and
under-coordinated atoms on the NP surface and (b) the struc-
ture deformation generated by the vacancy defects. The quan-
tified characterization of the static disorder may be done by
the analysis of the distributions of the interatomic distances
and coordination numbers in the modelled clusters, without
and with vacancies, for core and surface atoms. The surface
layer was defined as a spherical shell on the cluster surface
with a thickness of 3.5 Å, and the core layer was the sphere in
the centre of the particle with a radius of 10 Å. The determ-
ined distributions are shown in figures 5 and 6. One can see
that the width of the nearest-neighbour interatomic distance
distribution is independent of the cluster size. There is almost
no difference in this distribution for 55 and 470 Å. However,
there is a clear dependency of the width of the histograms for
the nearest-neighbour distances on the location of atoms in the
clusters. The distributions are wider for the surface shell than
for the core, independent of the presence or lack of vacancy
defects. The mean values of the nearest-neighbour distances
for atoms lying in the surface shell are slightly shorter than
those for the core atoms. For the smallest clusters, the differ-
ence in these values is the biggest due to the higher propor-
tion of the number of the surface atoms to the total number
of atoms. Additionally, the standard deviations of the mean

values of the nearest-neighbour distances are bigger for the
surface shell than for the core part. Due to the differences
between the surface and core interatomic distances, it is dif-
ficult to give one precise value of the lattice parameter for
the studied Ag NPs. Moreover, one can see that for smaller
clusters, the values of both surface and shell nearest-neighbour
Ag–Ag distances are shorter than for the bigger particles. This
is true for both models with and without vacancies. For the
model without vacancies, the lattice distortion is due to sur-
face relaxation. The mean value of the nearest-neighbour dis-
tance for the core of the Ag clusters studied here is in the range
2.88−2.91 Å, which agrees well with the experimental value
of 2.89 Å for bulk Ag [62]. Thus, in the case of real nan-
omaterials composed of a wide distribution of the defective
NPs of different sizes, the inter-atomic distances may exhibit
a wide distribution depending on the NP’s size and the dis-
tance from the NP’s core. Consequently, the associated prop-
erties of the surface and core regions may be very distinct. It is
worth noting that the plots presented in supplementary mater-
ial in figures S3–S6 show very similar agreement of themodel-
based simulations with the experimental data when compared
with those displayed above. It means that both approaches to
the instrumental broadening problems lead to similar conclu-
sions about the proposed structural models.
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Figure 5. Distributions of nearest-neighbour interatomic distance
obtained from the MEAM simulations for atoms from the core and
surface layers of NPs with the diameters indicated. The top panels
concern the NPs without point defects, while the bottom panels
concern the NPs with vacancy defects. The average
nearest-neighbour distances, together with their standard deviations,
are given on the panels.

Literature on the size-dependent structure of NPs is abund-
ant, and it is known that surface relaxation may cause contrac-
tion or expansion of the unit cell parameters on the surface and
average lattice constants, depending on the specific material
[85–89]. Studies on most fcc metal NPs, such as Ag, Au and
Pt [57, 90], point out a shrinkage of the cell parameter when the
size of NPs decreases. However, there are a few exceptions—
e.g. Ni tends to expand with smaller size [91]. Analysing the
case of the Ag NPs, one can see that the effect of the sur-
face relaxation and lattice parameter’s behaviour depends on
the synthesis conditions and treatment, like whether the NPs
are free or embedded in a matrix [92–94]. Moreover, it is pos-
sible to produce the Ag NPs of diverse shapes [95, 96], and
the shape is another important parameter controlling the sur-
face relaxation. It was found that the particle shape can lead
to around 10% of the total lattice variation [97]. It is therefore
difficult to predict the structural properties of the whole fam-
ily of the Ag NPs. The model proposed in this work relates
to a specific case of spherical NPs produced by the sol–gel
method inside SiO2 matrix. However, the simulation proced-
ure and structure refinement approach may be applied to any
other type of NPs.

To assess more details of the atomic-scale structure mod-
els for the Ag nanoclusters, the distributions of the nearest-
neighbour coordination numbers (see figure 6) were analysed.
For all core regions in clusters without vacancies the first

Figure 6. As in figure 5, but for the coordination numbers.

Ag–Ag coordination number is strictly 12, as in bulk Ag of
the fcc-type densely packed structure. In turn, in the surface
shell of the studied clusters, atoms are undercoordinated and
the first coordination number shows a distribution from around
5–12 with an average value of around 8–9, while the aver-
age value increases with the cluster size. This observation is
reasonable because the fraction of the surface atoms dimin-
ishes with increasing cluster diameter. Similar behaviour was
observed based on the experimental and theoretical diffraction
data for various metal NPs [63, 84, 98, 99].

It should be noted that the undercoordinated atoms at NP
surfaces experience significant relaxation while the core atoms
are largely not affected by the surface-related effects. There-
fore, these two types of atoms may not exhibit the same struc-
tural patterns. For models with vacancy defects, the popula-
tion of atoms with high coordination numbers decreases while
more atoms exhibit lower coordination numbers. The average
first coordination number for models with vacancies decreases
by around 0.1−0.5 compared to neat clusters. However, the
trend in the coordination number values with the cluster size
is maintained. The decrease of the cluster size leads to dimin-
ishing the coordination number for atoms on the surface shell.

The resultant structural model refined by MEAM method
for 5.5 nm Ag cluster with vacancy defects is presented
in figure 7(a). One can see the effect of the thermal and
static network distortion generated by the MD simulations.
The positions of atoms show displacements from the crystal
planes. Atoms in the inner part of the NPs show displace-
ments smaller than atoms located closer to the NP surface.
The studied Ag NPs do not exhibit a core–shell structure with
a clearly demarcated border between these two zones, but

8
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Figure 7. (a) Model of Ag NP with diameter of 55 Å and 3 at.% concentration of vacancy defects. (b) Central atomic layer cut from the
model. The lines I, II and III with marked interatomic distances 1−6 show the propagation of the paracrystalline distortion from the surface
to the core, the values of the distances are given in table 2. (c) Two central atomic layers with a deviation from planarity on edges. (d) The
planar projection of two central atomic layers. The red circles highlight the distortion from the close-packing of atoms. The model on the
left shows the perfect fcc structure with hexagonal close-packing.

rather the disorder gradually disappears into the inner lay-
ers. Figure 7(b) demonstrates an example of the close-packed
atomic plane extracted from the equator part of the model
shown in figure 7(a). The guide red curves marked as I, II and
III present the atomic disorder and the change in the nearest-
neighbour interatomic distance going from the surface towards
the core (numbers from 1 to 6). The values of the nearest-
neighbour Ag–Ag distances in the I−III curves are presen-
ted in table 2. The interatomic distances in the surface shell,
marked with number 1, are clearly shorter than the distances
located more in the inner part of the cluster, marked with the
number 6. However, the increase in the interatomic distance
from the surface to the core is not monotonic.

The removal of atoms in the network (creation of vacancy
defects) leads to local rearrangement of atoms and network
distortion around the defects. This is illustrated in figure 7(b)
using the guide blue lines showing the course of ideal atomic
layers. Atoms around the vacancy defect shift from these lines

Table 2. Nearest-neighbour distances between Ag atoms marked
with numbers 1−6 in figure 7(b), showing the network distortion
from the surface to the core part of the NPs.

Nearest-neighbour interatomic distance (Å)

Line number 1 2 3 4 5 6

I 2.63 2.83 2.90 2.86 2.90 2.96
II 2.83 2.84 2.88 2.93 2.75 2.96
III 2.77 2.81 2.92 2.91 2.86 2.98

toward the missing atom (see the blue arrows in figure 7(b)).
The presence of vacancies in the core part of the NPs is con-
sistent with previous predictions of a possible arrangement
of vacancies in Ag nanoclusters by Taherkhani et al [100].
They established that the most stable position of the vacancy
defect is at low-coordinated surface sites while surprisingly,
the next favourable position is at core sites, which can better
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Figure 8. The potential energy per atom as a function of the inverse of the NP diameter. The lines are fits to the simulation data.

Figure 9. Comparison of the structure factor (a) and pair distribution function (b) calculated for the MEAM model of Ag NPs containing
3 at.% of vacancies with those derived based on the paracrystalline model. The differences between both model functions, plotted in green,
are shifted for clarity. The insets show zooms on selected data ranges.

accommodate strain with respect to vacancies on higher-
coordinated surfaces. Lower coordination numbers introduced
by vacancy defect are responsible for slight increase of the
potential energy as presented in figure 8. The values of the
energy per atom for the optimized NP’s models were derived
for the final MD configurations. As can be seen, the energy
increases when the size of the NPs decreases similarly as for
the gold NPs [63].

Figure 7(c) shows two adjacent layers cut from the equat-
orial part of the model from figure 7(a). As a result of the pres-
ence of point defects and atomic disorder on the surface, the
layers are not ideally planar. They exhibit a deviation from
planarity on edges. In figure 7(d), a flat projection of the two
central layers is presented. The red circles highlight the regions
with a clear displacement of atoms from ideal positions of
the close-packing. The arrangement of atoms inside the red
circles in figure 7(d) loses their periodic order compared to
positions shown for the fragment of the perfect fcc structure
with hexagonal close-packing (on the left).

In our previous article on the atomic structure of various
silica-supported metal NPs, we demonstrated that they exhibit
the fcc-type structure with paracrystalline distortion [57]. The

paracrystalline disorder, in the form of the standard deviation
of the inter-atomic distances, propagates proportionally to the
square root of the distance and correlates with the size of
the NPs [69, 101]. In figure 9 we compare the diffraction
data computed based on the paracrystalline model for Ag NPs
with the results obtained from the MD simulations. The agree-
ment between both sets of theoretical data is very good both
in S(Q) and G(r). The MD model of Ag nanoclusters with
vacancy defects reflects the local distortion of the atomic net-
work generated by the paracrystalline disorder. The positions
of the interatomic distances within the first G(r) peaks are
well reconstructed by these models. Moreover, the inset of
figure 8(b) shows that both approaches are able to describe cor-
rectly longer interatomic distances. Therefore, the MD model
containing point defects may be treated as a physical realiza-
tion of the theoretically predicted paracrystalline structure of
metal NPs.

Nowadays there is great interest in dual atom/hybrid NPs
involving metals, e.g. metal-organic frameworks (MOFs),
for applications such as catalysis, gas storage, pollutants
purification, electrochemical cells, and drug delivery [102].
The principal challenge in the group of MD-based simulations
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is to employ an accurate and computationally efficient poten-
tial of interactions for all elements. The EAM needs seven
functions to describe a binary alloy. These are embedded func-
tions and electron density for every type of atoms and three
functions of pair interactions. The form of electron density
function is crucial for this method. In the EAM the electron
density is spherically symmetric and the same is for all atoms
in the system. Therefore, EAM cannot model a matter with
different types of bonds, i.e. is inadequate for intermetallic
compounds involving strongly covalent elements, as it cannot
describe the directional bonding [103]. In turn, the electron
density function in MEAM is determined as the sum of com-
ponents. Each component is responsible for various directions
of the bonds. Due to the ability to distinguish between differ-
ent types of bonding, MEAM can be used to model individual
metals, as well as their alloys. Thus, the modelling procedure
with MEAM described in this article could also be success-
fully applied for resolving the structure of metal alloys. The
first step would be to construct a start-up model of bimetal-
lic NP with an appropriate size, shape and phase composi-
tion. Then, the point defects should be introduced. The final
step would be the minimization of the model energy by the
MEAM. The classical force field simulations can be also used
to study structural properties of MOFs. However, such an
approach requires further development to automate accurate
force field parameterization. Because of the extreme chemical
diversity across thousands of MOF structures, this problem is
still mostly unsolved today [104].

5. Conclusions

In this work, two interatomic potentials designed for metals,
EAM and MEAM, were examined for the Ag NPs produced
by the sol–gel technique on a porous silica template. Using the
MD simulations, the ability of these potentials to predict the
atomic-scale structure of the Ag NPs was tested. It was shown
that the MEAM method better describes the interatomic dis-
tances for the Ag NPs of roughly spherical shape and sizes
from the trimodal distribution in the range from around 2 nm
up to 90 nm. As a result of the MD simulations, the theoret-
ical model of the Ag nanoclusters containing vacancy defects
was proposed. It must be mentioned that our previous studies
of the structure of Au NPs showed that the application of the
EAM potential to model the structure of these NPs gave better
agreement with experimental diffraction data than in the case
of the MEAM. This proves that the applicability of different
potentials described in the literature for the prediction of the
atomic arrangement must always be verified by experimental
structural data.

The optimized model of the average structure provided
detailed information about the arrangement of atoms in the
studied silver NPs. It was demonstrated that the model
assuming: (a) the weighted average over three spherical
clusters with diameters corresponding to the maxima of the
trimodal particle diameter distribution fromTEMobservations

(5.5, 11.5 and 47 nm), (b) the fcc arrangement of atoms, and
(c) containing 3 at.% of randomly distributed vacancy defects
for each cluster reproduces the experimental diffraction data in
the form of the structure factor and the atomic pair distribution
function very well. The applied approach, taking into account
only the most common particle sizes, facilitates the structure
modelling in the case of NPs with the multimodal size distri-
bution. This is usually the case for the large-scale production
of NPs.

The high ratio of surface atoms to total atoms in the con-
sidered nanoclusters produces static disorder reflected in the
decrease in the Ag–Ag nearest-neighbour distance and the
coordination number in the surface shell. The smaller the size
of the cluster, the higher the degree of disorder is observed,
and the bigger the discrepancy between the structural para-
meters of the nanoclusters compared to those reported for
bulk Ag. However, such type of network distortion, associ-
ated with the finite size of the NPs, does not describe correctly
all features of the diffraction data, namely the intensity and
positions of peaks. It was nicely presented that including the
point defects in the model, in the form of vacancies, introduces
additional atomic network deformation, which resembles the
paracrystalline distortion, leading to very good agreement of
the model-based diffraction data with the experimental results.
The separate consideration of the core and surface structural
features suggests that the physico-chemical properties of these
two regions may be very distinct. The average relative differ-
ence of the nearest-neighbour interatomic distances between
the surface and the core can be a measure of the lattice strain.
Since subtle shifts in the surface arrangement relative to the
core lattice have a considerable impact on the catalytic beha-
viour of metal nanocrystals [105], the development of the syn-
thesis of metal NPs with a high degree of control of the lat-
tice strain, as well as techniques of the strain determination,
are important for future research and applications. Here, we
presented an effectivemethod for the determination of themis-
match between the surface and the core structure of Ag nano-
clusters with various sizes.

The applied procedure of the structure modelling may be
used to estimate the concentration of defects in the nanomater-
ials. Direct microscopic observations of point defects are very
demanding and do not provide quantitative data. The XRD
measurements may supply structural information that is aver-
aged over amuch larger sample volume in comparisonwith the
TEM method. Therefore, computer modelling of the atomic-
scale structure and its verification by experimental XRD data
is an alternative way to extract information on the average
amounts of defects and the degree of disorder in NPs.
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